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L'archive ouverte pluridisciplinaire HAL, est destinée au dépôt età la diffusion de documents scientifiques de niveau recherche, publiés ou non, emanant desétablissements d'enseignement et de recherche français ouétrangers, des laboratoires publics ou privés. One characteristic feature of fatigue testing in ductile metals is strain localization in the form of persistent slip markings (PSMs), at the specimen surface [1] . Thanks to numerous experimental studies, it is now well established that the presence of the PSM is the origin of fatigue crack initiation [2] [3] [4] . During the fatigue tests, high resolution examination of either the specimen surface [1, [5] [6] [7] [8] or the dislocation microstructure [9] [10] [11] [12] [13] is possible, though not in the same grain or crystal, due to the destructive character of thin foil preparation for transmission electron microscopy. For this and other reasons, a description of the details of surface relief formation and their relations with the dislocation microstructures inside the grains are difficult to establish. Knowledge of these details is nevertheless crucial for the understanding of crack initiation mechanisms and, ultimately, to propose better fatigue life prediction models. One existing method for studying the details of intra-granular dislocation activity is three dimensional discrete dislocation dynamics (DDD) modelling [14] [15] [16] [17] [18] . This type of modelling was proved valuable for analysing dislocation-based local plasticity problems, such as plastic instabilities [19] [20] , fatigue [21] , nano-indentation [22] or thin film growth and deformation [23] [24] . Here, the surface displacements due to dislocation slip and elimination at the surface are computed using a newly developed post-processing method [25] [26] . This way, the surface displacements associated with the DDD simulated dislocation microstructures can be imaged in details. The simulation results are compared with experimental results for partial validation. 
Model overview
The DDD formalism, load control methods and material parameters (for 316L steel) used here are exactly the same as described in accompanying part I paper [27] . The applied loading is monitored for imposed plastic strain conditions, satisfying the quasi-static assumption. All simulations are performed in isothermal conditions, at 300K. The simulated grain diameters are within a range of 10 to 22 µm, whereas the applied plastic strain range is ∆ε p = 10 -3 (in single slip) unless otherwise specified. In simulated surface grains, dislocations are free to escape on one top surface, whereas all other surfaces act as strong obstacles to dislocation motion, as would be the case for highly disordered grain boundaries. Each dislocation segment leaving the crystal through the top boundary creates a step in the surface, with a step height of one b, the magnitude of the Burgers vector. This effect of plasticity on surface topography is computed here using a special post-treatment method as described in the next section. Most of the simulations are performed in symmetrical applied plastic strain conditions (ε p,min = -ε p,max ). Simulations under non-symmetrical conditions have also been performed (ε p,min ≠ -ε p,max ), for comparison purposes. Surface profiles obtained in double slip are examined as well, with a view to study the effect of multi-axial loading conditions on surface plasticity.
In theory, the surface of a defect free solid crystal satisfies the traction free boundary condition (see for example [25, [28] [29] ). This condition generates stresses within a sub-surface layer of material: the so-called image-forces. Here, the image-forces are neglected and a homogeneous applied load within the simulated grain has been selected. This choice of simple Simulation results obtained with other boundary conditions are described in Appendix-1, in support of the results and analysis presented in section-3 of this paper.
The inert environment is reported to have little influence on the kinetics of surface relief formation though it significantly affects crack initiation and propagation [30] [31] [32] [33] . In this study, environmental effects are not accounted for.
Surface displacement computation method
In the DDD modelling framework, the dislocations are treated as elastic inclusions embedded in an infinite elastic medium, via the analytical expressions used to compute their associated long-range stress fields. In the same fashion, the analytical elastic displacement solutions for finite dislocation segments can be used to compute the dislocation displacements anywhere in the simulated volume, including in the grain surface. In simulation boxes representative of bulk grains, i.e. where all the surfaces are impassable, the dislocation microstructure is made up of closed dislocation loops only. In this case, the use of Barnett's solution adapted to the displacement field due to triangular dislocation loops is straightforward (see [34] and figure   1a ). In figure 1b, the displacement field for an arbitrarily shaped dislocation loop is derived by superimposing the displacement contributions of as many single triangular loops as needed, so as to cover the entire loop. The triangles are constructed using one closing point O per slip plane. The general case of non-planar dislocation loops e.g. with cross-slipped parts, has been described in [27] . segments outside of the simulated crystal, as first proposed by Weygand et al. [25] (see figure   2b ). This method is systematically implemented in surface grain simulations, by using simulation boxes divided into two distinct parts. The lower part is the crystalline volume, while the upper part is a virtual medium, containing the virtual segments.
In this configuration, the grain surface is the separation plane between the lower and upper parts of the simulation box. The virtual surface is a two-dimensional array of calculation points M, positioned exactly on the crystal/virtual-medium boundary. The surface displacement at each calculation point is determined at fixed time intervals, using the same method as described in figure 1 . The spatial resolution of the surface profiles depends on the discrete spacing of calculation points.
Particular rules have to be defined in order to make sure that the motion of the dislocations left in the crystal is not arbitrarily modified by the presence of the virtual segments. Hence, cross-slip and Frank-Read multiplication mechanisms are shut down in the virtual medium, and so are the interaction stresses coming from the virtual dislocations.
[Insert figure 2 about here] The choice of the virtual volume size is made in consideration of the following arguments.
The plot in figure 3b shows the surface displacements of a dislocation shear loop obtained when the virtual (edge) segments are placed at distance h, above the virtual surface. The calculations yield the correct surface displacement (a one b high step), provided h is larger than 1 µm. In practice, virtual medium of at least 5 µm in thickness is used, to ensure that all the virtual segments generated during all the simulated cycles are stored at least 1 µm away from the virtual surface. The virtual dislocations are stored in the same order as they leave the crystal, in order to keep the bookkeeping of the surface relief evolution as simple as possible.
[Insert figure 3 about here]
In the present DDD model, virtual dislocation coming back into the crystal medium is equivalent to dislocation nucleation from the surface. In theory, such phenomenon is possible, especially when sharp surface profiles are present [35] . Dislocation emission from the surface is neglected here by keeping the virtual dislocations within the virtual medium, i.e. by preventing any return into the crystal medium. This way, a step printed on the surface can only be erased provided a loop of opposite sign emitted from within the volume reaches the surface on exactly the same slip plane. 1  2  3  4  5  6  7  8  9  10  11  12  13  14  15  16  17  18  19  20  21  22  23  24  25  26  27  28  29  30  31  32  33  34  35  36  37  38  39  40  41  42  43  44  45  46 regimes, namely the initial and saturation regimes (see part I accompanying paper [27] for details). In the initial regime, the dislocation density grows rapidly, while the stress amplitude is the highest. Then, as the cycles proceed, the average dislocation densities saturate, while dislocation density fluctuations of stable magnitude are observed from one cycle to the other.
RESULTS

Slip induced surface displacements
Surface markings and associated dislocation microstructures
As the number of cycles N gets closer to the saturation regime, i.e. N = N sat , the stress amplitude gradually relaxes towards a lower, stabilized value (in the simulations N sat = 2 to 10 cycles). During the initial regime, most of the surface steps are reversible: a reversible step made during forward loading, either positive or negative, is erased when the load sign is reversed, until a step of opposite sign is formed. The reversible steps formed during the initial regime are distributed uniformly in the grain surface (see figure 4 , cycle 3). These steps are associated with the early formed pile-ups.
In a few locations, irreversible markings start forming at the onset of the saturation regime (N = N s ). The saturation stage corresponds to the formation of the persistent slip-band dislocation arrangements within the grain. The main features of the numerically generated persistent slip bands are described in Part I accompanying paper. These features include:
immobile inter-channel tangles, high mobility pile-ups at the PSB-matrix interfaces and potentially mobile multi-polar walls inside the channels (see figure 5 ). It is worth recalling that the channel notion used in this paper is original and different from the usual channel description. It refers to tube or chimney-like arrangements of regularly spaced multi-poles (see figure 5b and 5c) made of prismatic loops with the same area as the channel crosssection, i.e. the section perpendicular to the Burgers vector. The channel length corresponds to the grain depth in the direction of the Burgers vector. Unlike the reversible slip markings, the accompanying paper [27] .
[Insert figure 5 about here]
The irreversible surface displacements displayed in figs. 4, 5 and 6 are rather tongue-like than ribbon-like. The individual tongues are made of parallelograms of the same area as the typical channel cross-section (see figure 6 ). Loop motions inside the channels are sporadic jumps parallel to the primary Burgers vector, over distances corresponding to one multi-pole figure 5c ). These motions or jumps concern either individual loops or multi-poles as a whole. In all cases, the channel loop motions are triggered by shortdistance interactions with the highly mobile dislocations inside the interfacial pile-ups.
Nevertheless, the extrusion growth is a relatively slow process as compared with the reversible slip activity, the latter being synchronous with the applied load changes.
When the applied plastic strain range is slightly increased, the channel cross sections become elongated, in the direction parallel to the slip bands or markings (in direction parallel to 4 3 1 , see figure 5 ). For example, in simulations performed with ∆ε p = 1.6×10 -3 (not shown here), the typical channel width is doubled as compared to that in figure 5b. Then, the surface displacements associated with such channels become more ribbon-like than tongue-like, as seen for example in [1, 6] .
[Insert figure 6 about here]
Surface marking growth rate
In general, it is difficult to evaluate the mean extrusion heights h directly from surface profiles as in figure 5 or figure 6, due to the three-dimensional character of the markings. For this reason and for the purpose of systematic comparisons with experimental data, an automatic, simplified surface slip-marking characterization method is preferred. Figure 7 displays a typical dislocation loop in a surface grain simulation, including the virtual dislocation used to compute the surface displacements. The surface displacements associated with the individual loops is given by the quantity a (see figure 7) , defined as the length of the edge part of the virtual segments projected on the unit vector n, perpendicular to the crystal surface. The total [Insert figure 7 about here]
From quantity a tot , an approximation of the average extrusion height h can be derived, by assuming that the dominant contribution to a tot comes indeed from the persistent slip markings. As depicted in figure 4 , this is a very good approximation, provided N > N s . By further assuming a simple dented profile for the markings (arbitrary width), the single extrusion height at a particular time step is then given by the simple expression:
where a tot is the surface displacements coming from all the dislocation microstructures, b is the Burgers vector magnitude, N the number of slip bands inside the grain and D the grain diameter. In figure 8a , the dimensionless quantity a tot /D is plotted in single-and double-slip, under symmetrical loading conditions and for the same equivalent plastic strain range. In both cases, the surface marking growth rate is random walk-like, i.e. proportional to N 1/2 , though with a different pre-factor, i.e. α in single slip, 4α in double slip.
By extrapolating the results in figure 8a up to cycles N = 1200 and by using expression (1) Later in the cycles, a large difference exists between the simulation results and the experimental data, yielding a linear growth regime for the latter instead of a random walk-like regime for the former. Thus, other mechanisms have to be considered to account for the experimental topographic data, such as point defect production and migration, as stressed in [1] .
[Insert figure 1  2  3  4  5  6  7  8  9  10  11  12  13  14  15  16  17  18  19  20  21  22  23  24  25  26  27  28  29  30  31  32  33  34  35  36  37  38  39  40  41  42  43  44  45  46  47  48  49  50  51  52  53  54  55  56  57  58  59 generates an attractive image force-field. In 316L stainless steel however, the surfaces are not defect-free. This material is indeed corrosion-resistant thanks to a hard (and brittle) passive oxide layer, with an elastic modulus that is much larger than that of the underlying metallic substrate. In that case, dislocations approaching the surface undergo repulsive, instead of attractive image forces. Therefore, the determination of realistic boundary conditions is not straightforward and needs a separate and thorough investigation. Nevertheless, the simple case of an ideal free surface is treated in Appendix-1. Qualitatively, the results support the analysis presented in sections 3.1 and 3.2: no significant changes were observed when using free surface boundary conditions, neither in the persistent slip band characteristics nor in the slip marking geometries. In fatigue therefore, the results relate more strongly with the deformation mechanisms inside the grain than to the direct surface/dislocation interactions. The existing micro-crack formation models in fatigue can be sorted into two main categories (see [4, 36] for a review): random irreversible slip and localized plane separation.
Random irreversible slip and damage initiation
In this first model category, micro-crack initiation results from random irreversible slip mechanisms, as proposed earlier by [37] [38] [39] [40] . In these models, micro-crack initiation is directly related to the continuous intrusion growth. In the DDD simulations performed here in symmetrical loading conditions, extrusion (intrusion) growth results from channel dislocation loop elimination on the surface. Hence, once the PSB have formed, slip is no longer randomly distributed among all the parallel slip planes inside the crystal. Thus, coarse random slip present here relates to the PSB-matrix edges only, where interfacial pile-ups are present.
Hence, the parallel active plane separation is given by the individual PSB width, as in a more recent two dimensional coarse slip model adapted to single crystals [41] . In this model, both the slip offset and the associated irreversibility fraction are pre-imposed. The micro-crack initiation in a single crystal is defined as a 3 µm deep intrusion, which is obtained after reaching 3459 cycles, for ∆ε p = 4×10 -3 . In the present DDD modelling, the slip offset and irreversibility in the active slip planes are not imposed in any way. Such quantities emerge as a natural outcome and also account for grain boundary effects. In spite of these differences, a coarse-slip type of extrusion growth is obtained, according to a N ½ function. In the future rigorous, direct comparisons between two dimensional coarse slip models and DDD results could be established, for example by using boundary conditions representative of single crystals and performing a much larger number of simulated cycles. 
plus the microscopic elastic energy, due to the heterogeneous dislocation distortion contribution:
The quantity K is the fourth-rank stiffness operator. The spatial distribution of the macroscopic energy is assumed to be homogeneous within the crystal, whereas the dislocation distortion is clearly heterogeneous, depending on the local dislocation distribution. This (i)-a high distortion energy stored in the crystal, acting as a slip plane separation promoter,
(ii)-a sufficient stress tri-axiality, i.e. a stress component normal to the crystal planes to separate, acting as the separation driving force. figure 9a . From each Gaussian profile, both the average energy and the standard-deviation of the energy distributions are derived. The histogram tail values come from the calculation points positioned at a very close distance from the dislocation segments. These high values result from the diverging elastic expressions used in the DDD formalism. Thus, they are regarded as non-relevant as far as damage initiation is concerned. Unlike the distribution tails, the energy distribution widths undergo a systematic change, whenever the dislocation relative positions are modified. Hence, a steady growth of the standard-deviation parameter reveals a local energy accumulation activity, due to short-range dislocation re-arrangement mechanisms. Thus, the maximum local energy levels relevant to initiation promotion are proportional to the standard deviation energy parameter.
A-Analysis of the dislocation distortion energies
[Insert figure 9 about here]
All the results displayed in figure 9 are associated with a cubic test volume (with a = 0.5 µm), positioned in the sub-surface region, inside a channel dislocation structure similar to that of figure 5b (see section 3.1.1 for details concerning the channel structures). Inside this test volume, the standard deviation energy parameter increases steadily (see figure 9c ), whereas the average energy density saturates quickly (see figure 9b) . Analysis of similar test volumes positioned inside the other channels found in the same simulated crystal yield the same figure 5c) .
B-Analysis of the dislocation distortion stress tensors
In this section, the same data as presented in section A is analysed in terms of the dislocation stress tensor components. It appears that the resolved shear stress on the primary system is the only contributing term to the steady increase in energy in the channels (compare figure 10a and 9b). All the other stress components, though significant in magnitude, exhibit no clear evolution during the cycles (see figure 10b ). This means that the dislocation microstructures alone do not accumulate further normal stress across the primary slip plane, i.e. the PSB plane.
[Insert figure 10 about here]
One possible alternate origin for local accumulation of normal stress is the geometric singularities associated with the surface slip markings, of either the intrusion or extrusion type. Hence, using analytical or finite element calculations on dented extrusion profiles, it can be shown that normal stress in the near surface region is strongly related to the magnitude of the h/e ratio, where h is the extrusion height and e the extrusion width. Examples of individual figure 11a , for two grain geometries. The corresponding individual extrusion width evolution is presented in figure 11b . Since the extrusion width e is nearly constant after a fast initial expansion stage, the model predicts a similar evolution for the ratio h/e as that of the extrusion height h.
Therefore, tri-axiality in surface grains is present near the surface markings and builds up at the same rate as the extrusion grows.
[Insert figure 11 about here]
C-Micro-crack initiation model
In principle, once the stress concentration evolutions and the damage initiation thresholds are known, time to intrinsic (in absence of point defects and environmental effects) damage initiation can be predicted. The threshold determination is, however, a major issue by itself, which would warrant a separate and detailed study, including atomic scale simulations.
Indeed, these threshold quantities are related to the atomic-bound strength and cannot be derived from the elasticity theory. Although damage initiation predictions will not be made here, information from the previous sections A and B are used to propose a new micro-crack initiation scheme. Quite generally, micro-crack initiation is easier when high-distortion energy is achieved within a crystal portion where significant tri-axiality is present. Here, these most favourable conditions are satisfied each time a large multi-pole (see figure 5c ) escapes out of the crystal surface. Then, a significant overstress peak in the subsurface region is generated, as in figure 10a cycle 23. Examination of the dislocation microstructures at the time of that peak reveals that a large multi-pole is present within the analysis volume. Since the multi-pole is no longer present a few time steps later, its velocity is thus consistent with the short stress peak duration (see also section 3.1.1 for a description of the dislocation motion within the channels).
The proposed micro-crack initiation scheme is compatible with the experimental evidence for crack initiation in ductile metal that shows it is a slow and continuous process, as per the following arguments:
(i)-only one single high-dislocation density wall (labelled as multi-poles in figure 5c ) escapes from the surface every 5-10 cycles, generating a high-stress peak in the sub-surface region.
(ii)-given previous argument (i), the separation event concerns a crystalline zone the size of the multi-pole thickness parallel to the Burgers vector (20-100 nm). Thus, the associated damaged zones are most probably small enough to remain stable once the crystal planes are separated locally. This process cannot lead to catastrophic cleavage of the whole PSB plane.
With the proposed crack initiation scheme, a transition exists between a prior extrusionintrusion growth stage and a micro-crack initiation stage. The prior stage corresponds to the time needed to produce both thick enough multi-poles and sharp enough surface markings, the latter producing a gradual increase of stress tri-axiality. Here, there is however no clear transition between early crack initiation and subsequent mode-2 propagation in the surface grains: they both result from the same mechanism. Then, crack propagation proceeds in surface grain when the (large enough) dipolar walls come in succession at the tip of the crack.
The crack propagation rate associated with such a mechanism is comprised within a range of 2 to 20 nm per cycle, corresponding to one 20-100 nm thick wall leaving the crystal every 5-10 cycles. These values are quite consistent with the short crack propagation rates observed 1  2  3  4  5  6  7  8  9  10  11  12  13  14  15  16  17  18  19  20  21  22  23  24  25  26  27  28  29  30  31  32  33  34  35  36  37  38  39  40  41  42  43  44  45  46  47  48  49  50  51  52  53  54  55  56  57  58  59 1  2  3  4  5  6  7  8  9  10  11  12  13  14  15  16  17  18  19  20  21  22  23  24  25  26  27  28  29  30  31  32  33  34  35  36  37  38  39  40  41  42  43  44  45  46  47  48  49  50  51  52  53  54  55  56  57  58  59 1  2  3  4  5  6  7  8  9  10  11  12  13  14  15  16  17  18  19  20  21  22  23  24  25  26  27  28  29  30  31  32  33  34  35  36  37  38  39  40  41  42  43  44  45  46  47  48  49  50  51  52  53  54  55  56  57  58  59 In this section, some of the results as presented in section 3 are compared with simulations using completely different surface boundary conditions, i.e. using a flat and oxide-less crystal surface. In that case, the surface is traction-free and generates the so-called image-forces, in the crystal sub-surface region. These forces can be computed accurately using the superimposition principle, by coupling the DDD code with a finite element method computation code. The validity of this numerical approach has been established in the past, by comparison with rigorous analytical methods [29] . Even though other computation methods are available to treat such boundary condition problem, the proposed approach is yet the only one that is applicable to the fatigue simulations as performed in this work.
The superimposition principle applied to an oxide-free crystal surface consists to take the stress field in the crystal medium σ σ σ σ(M) as the sum of two stresses σ ) and σ (see figureA1).
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